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Abstract

Polychlorotrifluoroethylene (PCTFE), also known as Kel-F 81, is a semi-crystalline fluoropolymer. Although it has been employed in a wide
range of cryogenic components, valve seats, seals, and microelectronics packaging, its mechanical behavior has received limited coverage in the
literature. In this work, we present the tensile and compressive constitutive response of PCTFE for a range of temperatures (�85 to 150 �C) and
strain rates (1� 10�4e2.9� 103 s�1). Both large-strain experiments based on flow stress and small-strain dynamic mechanical analysis (DMA)
using the elastic modulus exhibit a strong increase in the glass transition temperature, Tg, with increasing strain rate. The quasistatic fracture
behavior of PCTFE is presented using J-integral fracture experiments. Finally, a discussion of the implication of the constitutive and damage
responses of PCTFE on impact failure modes observed in Taylor impact experiments is presented.
� 2006 Elsevier Ltd. All rights reserved.
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1. Introduction

Polychlorotrifluoroethylene (PCTFE) is a fluoropolymer
closely related in chemical structure to the more common
polytetrafluoroethylene (PTFE) and shares many similarities
in ductile mechanical characteristics. Notably, however, the
replacement of one out of every four fluorine atoms along
the carbon backbone with a larger chlorine atom prevents
the crystalline phase transitions that dominate the mechanical
response of PTFE (see Refs. [1e14]). A common trade name
for PCTFE as manufactured by the 3M company is Kel-F 81.
It is melt processable, resistant to most common chemicals,
highly electrically insulating and extremely impervious to
water absorption. The most common industrial uses are for
cryogenic components, valve seats, seals, and microelectronics
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packaging. As such, while the literature contains numerous
studies on adhesive properties of PCTFE (see for example
Refs. [15e19]), there is limited information on the mechanical
or failure behavior of bulk PCTFE. McCrum [20,21] per-
formed early dynamic mechanical analysis (DMA) studies to
investigate the effects of temperature and crystallinity on the
small-strain behavior of PCTFE, and a limited number of
authors have studied the effect of temperature on the tensile
response of PCTFE [22e25]. A brief study of PCTFE failure
surfaces employing low resolution scanning electron micros-
copy has been presented by Shoemaker and Sterling [26].
The crystal structure is reported by Mencik [27] and the glass
transition temperature is investigated by Hoffman (Tg¼
52 �C), Privalko (Tg¼ 64 �C), Khanna (Tg¼ 75 �C), and
Chang (Tg¼ 47e77 �C depending on crystallinity) [28e31].
The shock response of PCTFE has been reported by Marsh,
Anderson and Sheffield [32e34]. The pressure and tempera-
ture dependences of the dielectric and ultrasonic properties
of PCTFE have been detailed by Samara and Fritz [35].
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A motivation for this research was to investigate the rela-
tionship between this material and a copolymer of PCTFE
and polyvinylidene fluoride (PVDF) called Kel-F 800. The
copolymer was also manufactured by the 3M company, con-
sisting of 75 mol% PCTFE and 25 mol% PVDF. However,
the introduction of PVDF into the copolymer dramatically
changes the crystallinity, the glass transition temperature,
and the mechanical response. As such, direct comparison be-
tween Kel-F 81 and Kel-F 800 offers limited insight. An
extensive investigation of the influence of temperature and
strain rate on the constitutive and damage responses of Kel-
F 800 will be presented in a subsequent publication. Neverthe-
less, the current investigation of PCTFE presents a number of
unique features of importance to the mechanical response of
the homopolymer.

In the current work the constitutive response of PCTFE
is presented in both tension and compression to large strains.
The compressive response is presented for a temperature rang-
ing from �85 to 150 �C and strain rates of 1� 10�4e
2.9� 103 s�1. The tensile response is reported for a tempera-
ture ranging from �50 to 100 �C and strain rates of 1.1�
10�4e1.1� 10�1 s�1. Yield behavior in tension is coupled
with necking in the gage section. At temperatures of 23 �C
and above the neck is subsequently drawn out, whereas at
lower temperature the neck localizes leading to the prompt
failure. Both the large-strain experiments based on flow stress
and small-strain dynamic mechanical analysis (DMA) using
the elastic modulus exhibit a strong increase in the glass
transition temperature, Tg, with increasing strain rate. The
quasistatic fracture behavior of PCTFE is presented using
J-integral fracture experiments. Below Tg, the fracture tough-
ness of PCTFE has a relatively low temperature dependence,
but above Tg the increased ductility results in a significant
increase in JIC around 65 �C followed by a precipitous drop
in toughness. A discussion of the implication of the constitu-
tive and damage responses of PCTFE on impact failure modes
observed in Taylor impact experiments is presented.

2. Experimental procedure

2.1. Material and sample preparation

A PCTFE billet of compression molded Neoflon� measur-
ing 500� 500� 25 mm3 was purchased for investigation in
this study. The molding powder used is manufactured by
Daikin Industries of Japan. The crystallinity was estimated
from the differential scanning calorimetry (DSC) melt
endotherm obtained in a TA Instruments Q1000, Fig. 1. Mea-
surement of the melt peak in PCTFE determined a release of
DHsample

f equal to 19.9 J g�1. Crystallinity was calculated as
XC ¼ DHsample

f =DH0
f using the literature value for DH0

f of
43.5 J g�1 [36], which suggests a crystallinity of 46%. Other
references suggested slightly different value for DH0

f of
43.2 J g�1 [37] and 41.9 J g�1 [38]. The use of both of these
slightly lower estimates would result in higher crystallinity es-
timates. The density was measured by helium pycnometry and
was found to be 2158� 1 kg m�3. Following the equation pro-
posed by Hoffman and Weeks [28] this implies a crystallinity
of 75%.1 Different methods of measuring crystallinity have
been compared by Murthy et al. [39]. The glass transition tem-
perature, Tg, was measured to be 47 �C, from a very subtle en-
dotherm in the DSC trace. The DSC melt peak temperature
was 216 �C at 10 �C min�1. Specimens were machined from
the pressed and sintered billets of pedigreed PCTFE while
ensuring a nominal temperature rise to prevent changes in
the material’s crystallinity.

2.2. Compression and tension

Given the ductile nature of PCTFE, large-strain deforma-
tions were investigated. For this reason, all strains referenced
in this paper, unless otherwise noted, are true-strains (logarith-
mic strains). A constant true strain rate was maintained for all
large-strain compression experiments. The feedback loop from
the testing machines was closed to correctly slow the cross-
head speed as the samples thinned. True-stress was calculated
assuming a constant sample volume. The compression sample
geometry chosen was 6.375 mm diameter by 6.375 mm long
right-regular cylinders. The aspect ratio of 1:1 is smaller
than the 1:1.5e1:2 values often employed in compression tests
on metals, but the sample size and ratio were chosen to
conserve material for the large number of tests required and
prevent the trapezoidal shearing deformation mode observed
in some soft polymers.

For the compression tests both MTS 880 and MTS 810
servo-hydraulic machines were utilized. These machines ran
MTS TestStar software allowing for full control over the test

Fig. 1. DSC scan of PCTFE.

1 As previously discussed for PTFE [2,3,5] density methods routinely report

higher values of crystallinity than DSC. This is due to the partitioning by the

density method of oriented domains but not thermodynamically crystalline do-

mains of crystalline material, which is not included by DSC. Moreover, Hoff-

man and Weeks [28] used an immersion method to measure density as opposed

to helium pycnometry. While the different methods generate different values

for crystallinity, they are highly repeatable, provide meaningful comparison

between studies as long as the technique for quantifying crystallinity is kept

constant, and the different techniques similarly capture crystallinity changes

due to thermal processing.
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profile. In all samples tested at �20 �C, or higher, paraffin wax
was used to lubricate the specimen ends [40e42]. The speci-
mens were compressed between highly polished tungsten car-
bide platens to further reduce frictional effects. Temperature
control was carried out using either electrically heated or liq-
uid nitrogen cooled platens and surrounding insulation was
used to create a small environmental chamber. The samples
were allowed to equilibrate at temperature between 30 and
45 min prior to testing.

For the tensile experiments, a screw driven Instron 4482
frame was used. This machine has been fitted with a modern
PC control system (MTS Testworks 4) allowing a wide range
of control modes and input channels. Samples were machined
to form ASTM D-638 Type V specimens. All specimens were
allowed to equilibrate at the testing temperature between 45
and 100 min prior to tensile testing. Following a linear elastic
loading, a load drop was observed to occur coincident with the
formation of a neck. Upon necking the sample is no longer in
a uniaxial stress state and the data generated are essentially in-
valid except to verify predictions from a full three-dimensional
computer model. To obtain accurate data on the uniaxial part
of the curve, an Instron 2620 extensometer was utilized. This
had a gage length of 9.20 mm and a maximum displacement of
5.08 mm, leading to a maximum sample true strain of 0.44.
Since, in tension, valid data are only obtained for strains less
than 8% due to the onset of necking, plots are made between
engineering stress and strain to indicate the loss of uniaxial
loading. At such low strains before the necking point, true
and engineering values are essentially identical.

For high strain-rate compression testing (2900� 100 s�1),
a split-Hopkinson pressure bar (SHPB) was used [43]. This
Hopkinson bar is fitted with a small environmental chamber
surrounding the test sample. In the chamber, either heated or
cooled gas can be introduced to vary the sample temperature
between �100 and 200 �C. The change in impedance at the
ends of the Tie6Ale4V bars used for testing in this tempera-
ture range is negligible. As before, paraffin wax was used to
lubricate the specimen ends for all samples tested at �20 �C
or higher. No lubricant was used at lower temperatures, but
owing to the relatively small strains imposed on the sample
and the low coefficient of friction between PCTFE and the
finely finished pressure bars, no sample barreling was found.

2.3. Ultrasonic sound speed measurements

The speed of sound in PCTFE was measured using a time
of flight method [44]. A Panametrics 5077PR pulser/receiver
was paired with Panametrics V155 and V109 transducers.
Timing was obtained from a Tektronix TDS 754D oscillo-
scope. Room temperature samples of 12 mm thick were tested
using longitudinal (Cl) and shear wave (Cs) inducing heads.
Measurements were suitably corrected for triggering and
coupling medium delays. Values for Young’s modulus (E ),
Poisson’s ratio (n), shear modulus (G), and bulk modulus
(K ) at minute strains are obtained using the material density
(r) and the following expressions:
n¼ C2
l � 2C2

s

2
�
C2

l �C2
s

� ; ð1Þ

E¼ 2rC2
s ð1þ nÞ; ð2Þ

G¼ E

2ð1þ nÞ ; ð3Þ

K ¼ E

3ð1� 2nÞ : ð4Þ

2.4. Dynamic mechanical analysis (DMA)

The in-phase elastic (storage) shear modulus G0 and loss
modulus G00 were measured as a function of temperature and
frequency by DMA. The loss factor, tan d, was calculated as
G00/G0. Torsional geometry samples were analyzed using
a TA Instruments ARES with 2 kg force rebalance transducer.
Sample bars were machined to 1.5 mm thick by 10 mm wide
and 15 mm long. Frequency/temperature sweeps were ob-
tained from 0.1 to 100 rad s�1 at 0.1% strain under a nitrogen
purge from �125 �C to melt (w216 �C).

2.5. J-integral fracture toughness

Fracture toughness measurements were performed using
compact tension (1/2CT) specimens as previously presented
by Brown and Dattelbaum [5]. The test geometry, as defined
in ASTM Standard E-1820-01, is modified to enable a crack
opening displacement (COD) gage to be mounted along the
loading line. The specimen notch was cut to have an inclusive
angle of 40�, which was subsequently sharpened with a razor
blade according to ASTM Standard D-5045. Tests were
performed using an MTS 880 load frame under constant
cross-head displacement rates of 0.025 mm s�1. Loadeline
displacements were measured with an MTS COD gage
632.03E-31. Tests were performed at �50, �15, 23, 40, 70,
and 80 �C using an MTS 612 environmental chamber. J-inte-
gral values corresponding to the ith data pair are given by

Ji ¼ Jeli þ Jpli ¼
K2

i ð1� n2Þ
E

þ
hplA

pl
i

bðw� a0Þ
; ð5Þ

where Jel and Jpl signify the division of energy into recover-
able elastic deformation and permanent plastic deformation,
respectively. The lineareelastic stress intensity factor Ki

for a specimen with a crack length of ai is calculated accor-
ding to ASTM Standard E-1820-01. The Poisson’s ratio,
n, is taken to be 0.39, E is the Young’s modulus, hpl¼
2þ 0.522(w� abi)/w is a dimensionless constant (abi¼ a0þ
Ji/2sys is the blunting corrected crack length that corresponds
to the ith data point), Ai

pl is the area under the load displace-
ment curve, and a0 is the initial crack length. The width, w,
and the thickness, b, of the specimen are nominally 39.8 mm
and 19.1 mm, respectively. The initial tangent modulus and



7509E.N. Brown et al. / Polymer 47 (2006) 7506e7518
2% offset yield stress values used in this work are given in
Table 1 in the results section. To rigorously evaluate JIC during
stable crack propagation JeR curve data are constructed with
the critical fracture criterion, JIC, defined as the fracture tough-
ness of the material at fracture instability prior to the onset of
significant stable crack extension (the point of 0.2 mm of
crack growth beyond crack tip blunting) through the normali-
zation technique. The normalization technique was proposed
by Landes and Herrera [45] and has been included in ASTM
Standard E-1820 for elasticeplastic fracture toughness.
Although developed for metals, the normalization technique
has been demonstrated to yield equivalent results to multi-
specimen methods for a variety of polymers [46e48]. This
method, as presented in full by Brown and Dattelbaum [5],
uses an analytical solution with power-law behavior for blunt-
ing and initiation, and smoothly undergoes transitions to a
linear relationship for steady state crack growth thus giving
an accurate estimate of the crack tip position over the course
of the test.

Fracture surface morphologies were examined with a JEOL
JSMe6300FXV scanning electron microscope (SEM). After
fracture, specimens were notched along the centerline from
the backside and subsequently immersed in liquid nitrogen
for approximately 30 min. Samples were immediately
reloaded to propagate a brittle crack from the arrested crack
tip. Areas of interests were then dissected, mounted, and
sputtered with carbon to promote electrical conductivity thus
reducing charging. Micrographs were obtained using 5 keV
secondary electrons.

2.6. Taylor impact

The Taylor test involves propelling a right cylindrical spec-
imen with high length over diameter ratio at a velocity on the
order of hundreds of m s�1 against an ‘‘infinite’’ steel block.
Although originally developed as a method of estimating the
dynamic yield strength of metals, it is now mostly used as
a verification for a computational computer codes’ predica-
tions of dynamic material response. We have previously had
great success in using the Taylor test to study the temperature
and rate dependences of the dynamic ductile-to-brittle transi-
tion in PTFE [4], which we extend here for PCTFE. Taylor
cylinders were machined with dimensions of 7.62 mm diame-
ter by 38.1 mm long. Rods were fired at velocities between
105 and 202 m s�1 and temperatures of 23 and 60 �C. An Im-
acon 200 high-speed framing camera coupled to a Cordin 463
proportional delay generator was used to record backlit images

Table 1

Mechanical properties for PCTFE in tension as a function of temperature

Temperature (�C) Tangent modulus (GPa) 2% Yield stress (MPa)

�50 2.72 80.2

�15 2.20 62.5

23 1.72 38.6

40 1.53 31.0

70 0.92 16.7

80 0.72 13.3
of the impacts. In all cases a 350 ns exposure was used and 16
frames were recorded with 15 ms inter-frame time. Rae et al.
[4] provide a complete description of the experimental setup
employed.

3. Results

3.1. Compression and tension

Fig. 2 shows the compressive response of PCTFE as a func-
tion of strain rate. At lower rates, the response is seen to be
nearly elasticeperfectly plastic while at higher rates a signifi-
cant yield drop is seen. At rates of 10 and 100 s�1 a post-yield
drop in stress was observed followed by significant strain
hardening above 30% true strain. As expected for a ductile
polymer such as PCTFE, all samples were capable of accom-
modating a deformation to 50% true strain without evidence of
cracking or failure. Consistent with most polymers, the flow
stress exhibits strong rate dependence. At rates up to 1 s�1,
the cross-head direction was reversed to generate unloading
data. This was not possible at the higher rates because of in-
strument inertia, although the samples were recovered intact.

The compressive response as a function of temperature is
shown in Fig. 3. It can be seen that the yield strength is highly

Fig. 2. The effect of strain rate on the compressive response of PCTFE at

23 �C.

Fig. 3. The effect of temperature on the compressive response of PCTFE at

10�3 s�1.
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dependent on temperature. Although the loading modulus is
higher for lower temperatures, the increase in yield stress is
more dominant leading to associated increases in yield strain.
Above Tg, the yield stress becomes harder to define and more
of a gentle rolling over in the stressestrain curve is observed.
In view of the lower ductility of polymers at cold tempera-
tures, samples at or below room temperature were only loaded
to 30% true strain. Additionally, it can be seen that strain hard-
ening is almost absent and independent of temperature above
�15 �C.

The higher rate, split-Hopkinson pressure bar, compressive
response is shown in Fig. 4. The initial parts of the curves are
not shown since the specimens were not in dynamic equilib-
rium. Below Tg, a peak stress is reached followed by a yield
drop similar to the results at lower rates (10 and 100 s�1).
Above Tg, however, a uniform flow stress is observed. The
flow stress is highly dependent on temperature.

The tensile response as a function of four strain rates is
shown in Fig. 5. The range of rates is not as extensive as
in compression, however, a significant strain-rate effect is
observed. At a comparable rate of w1� 10�3 s�1 the room
temperature yield in compression is 53 MPa while in tension

Fig. 4. The SHPB high strain rate (2900� 100 s�1) compressive properties of

PCTFE as a function of temperature.

Fig. 5. The effect of strain rate on the tensile response of PCTFE at 23 �C.

Note: the material necked immediately after yielding leading to a triaxial

stress state after w5e6% strain.
it is 39 MPa, a 26% reduction. After yielding in tension, all
specimens necked and formed localized failure points. Thus
a triaxial stress state was created invalidating the uniaxial
stress assumption.

Fig. 6 shows the tensile response as a function of tempera-
ture. At �15 �C the sample failed just after yielding. At
�50 �C the sample failed before any apparent yield, as shown
in Fig. 7. The lack of necking or strain whitening corresponds
to temperature below the g transition2 in PCTFE, which is dis-
cussed more later. At room temperature and above, the sample
necked leading to localized failure. At temperatures above Tg,
the neck region was larger than below Tg and showed some
evidence of the onset of drawing. As in compression, the load-
ing modulus up to yield is larger at lower temperatures and the
yield stress becomes ill-defined above Tg. The mechanical

Fig. 6. The effect of temperature on the tensile response of PCTFE at 1.1�
10�3 s�1. Note: the material necked immediately after yielding at 23 �C and

above leading to a triaxial stress state after w5e6% strain.

Fig. 7. Tensile failure modes with varying degrees of necking as a function of

temperature.

2 McCrum et al. [51] present a discussion of the a, b, and g transitions in

PCTFE. The a transition is reported to be a very subtle peak that is only pres-

ent in very high crystalline material. The dominant peaks are the b (associated

with the Tg) and g transitions.
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properties for PCTFE in tension as a function of temperature
are given in Table 1.

3.2. Ultrasonic sound speed measurements

Values of Young’s modulus, Poisson’s ratio, shear modulus,
and bulk modulus calculated using the sound speeds are shown
in Table 2. Application of Eqs. (1e4) assumes the material is
isotropic and that in the range of the minute imposed strains
the material behaves in a linear elastic manner. The values
reported are similar to those found in the literature, shown
in Table 3.

3.3. Dynamic mechanical analysis (DMA)

Dynamic mechanical analysis was performed to measure
the small-strain elastic and viscous response of PCTFE over
a wide temperature range. The frequency was varied from
0.1 to 100 rad s�1. The results of DMA scans run at four de-
formation rates are shown in Fig. 8. The tan d curves exhibit
a dependence of Tg on deformation frequency, varying from

Table 2

Ultrasonic wave-speeds and calculated elastic constants

Property Value

Longitudinal wave speed, Cl 1870� 10 m s�1

Shear wave speed, Cs 780� 10 m s�1

Density, r 2158� 1 kg m�3

Young’s modulus, E 3.66 GPa

Shear modulus, G 1.31 GPa

Bulk modulus, K 5.80 GPa

Poisson’s ratio, n 0.39

Table 3

Literature sound speed and density values for PCTFE

Longitudinal wave

speed, Cl (m s�1)

Shear wave

speed, Cs (m s�1)

Density, r (kg m�3) Source

1890 750 2140 Dick et al.

[52]

1850 w780 (extrapolated) w2140 (extrapolated) Kwan et al.

[53]

1740 770 2122 Marsh [32]

Fig. 8. The results of a DMA scan run at four deformation rates.
approximately 76 to 104 �C. The breaks in the gradient of
G0, indicating Tg, occur at 63e79 �C indicating that the initial
deviancy temperature is less dependent on frequency. The be-
havior is consistent with the earlier results of McCrum [20,21].
The small-strain shear elastic response values from DMA are
compared to the large deformation tangent modulus (Young’s
modulus) data by employing Eq. (3) and using the ultrasound
measured Poisson’s ratio, n¼ 0.39. Keeping in mind that for
Eq. (3) to hold rigorously for relating G and E, the assump-
tions of classic isotropic homogeneous linear elasticity must
be valid. While PCTFE is semi-crystalline, the shear modulus
data acquired by DMA and Young’s modulus data acquired by
tensile dog-bone tests are in agreement quantitatively (Fig. 8).
Error bars for the tensile data fall within the data points. In ad-
dition to the rate dependence of Tg (also referred to as the
b transition), it is worth noting that the g transition exhibits
a similar rate dependence varying from approximately �60
to �10 �C.

3.4. J-integral fracture toughness

Quasistatic (0.025 mm s�1) loadedisplacement curves for
PCTFE compact tension samples are shown in Fig. 9 at

Fig. 9. Representative loadedisplacement curves at a displacement rate of

0.025 mm s�1 as a function of temperature.

Fig. 10. Representative JeR curves obtained using the normalization tech-

nique corresponding to 70 and 80 �C.
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�50, �15, 23, 40, 70, and 80 �C. Samples were maintained at
testing temperature for a minimum of 60 min to ensure ther-
mal equilibrium. At all temperatures considered, PCTFE

Fig. 11. Fracture toughness values, JIC, at a displacement rate of 0.025 mm s�1

as a function of temperature.
behaves nonlinearly requiring the full J-integral fracture
toughness analysis. Below Tg, the loadedisplacement records
provide clear indications for initiation of crack propagation
from peak-load and pop-in criteria. Above Tg, the onset of
crack propagation is much more subtle. Thus the critical value
of J can only be determined from JeR curves, shown in
Fig. 10. The dependence of JIC on temperature is shown in
Fig. 11. Below the glass transition temperature the plastic con-
tribution to JIC remains constant and JIC increases slightly with
temperature. Immediately above the glass transition tempera-
ture the plastic contribution increases significantly due to
increased ductility, while the elastic contribution follows the
same trend as below Tg. The combined effect doubles the
fracture toughness immediately above Tg. A further increase
in temperature, however, causes a subsequent dramatic
decrease in the fracture toughness.

Changes in the fracture mechanisms of PCTFE associated
with the glass transition temperature are elucidated by
the investigation of the fracture plane morphology. Two
major mechanisms are observed in the scanning electron
Fig. 12. SEM micrographs of the fracture plane morphology for PCTFE below the glass transition temperature at 0.025 mm s�1 loading rate. Note: crack prop-

agation is from bottom to top.
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Fig. 12. (continued)
micrographs: (1) crazing below Tg (as shown in Fig. 12) and
(2) ductile failure with significant localized deformation and
tufted drawing of PCTFE above Tg (as shown in Fig. 13).
The fracture morphology exhibits relatively little temperature
dependence below Tg, with a subtle increase in the relevant
craze length-scale. At none of the temperatures studied does
PCTFE exhibit a distinct transition in fracture plane morphol-
ogy associated with a plastic zone at the crack tip as observed
for polymers such as epoxy [49] and PEEK [50]. In addition to
the surface craze morphology observed in the SEM micro-
graphs, stress whitening associated with a craze zone is ob-
served to extend far in advance of the crack tip. The depth
profiles of the craze zone along the center plane of the samples
are shown in Fig. 14. The depth at 0.2 mm from the crack tip is
indicated to correspond with the JeR initiation criteria. Below
Tg, the craze depth increases from being negligible at �50 �C
to 0.3 mm at 40 �C. Consistent with the dramatic increase and
drop of JIC as the temperature passes through Tg the craze
depth increases to 0.6 mm and then decreases to less than
0.03 mm. In addition to the change in depth of this zone, the
morphology changes from classic crazing to drawing. This is
particularly clear in the tufted morphology at 80 �C in
Fig. 13b and in the side view of Fig. 14. It is worth noting
that the temperatures for dominant craze behavior is bounded
by the g and b (Tg) transitions from DMA, with nominal craz-
ing below g and tufting above b.

3.5. Taylor impact

Taylor impact shots were carried out at room temperature
(23 �C) and at 60 �C to understand the ductile brittle transition
in PCTFE. Fig. 15 shows a velocity versus mode plot for
PCTFE at 23 and 60 �C. Three modes were observed; ductile,
where other than permanent deformation and stress whitening
no fractures occurred; cracking, where the center of the impact
zone exhibited one or more cracks but the sample remained
fully intact; and brittle, where the sample fractured into two
or more separate pieces. At room temperature the behavior
spanned a relatively large range of velocities. The first brittle
event occurred at only 170 m s�1 while one sample deformed
in a ductile manner from 197 m s�1. Examples of two of the
failure modes and the spread in response with respect to
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Fig. 13. SEM micrographs of the fracture plane morphology for PCTFE above the glass transition temperature at 0.025 mm s�1 loading rate. Note: crack prop-

agation is from bottom to top.
velocity can be seen in Fig. 16. One sample is shown that was
shot at 197 m s�1 and retrieved with the common three-diam-
eter ductile deformation pattern, while another sample fired at
4 m s�1 slower shows a brittle response. The sample fired at
202 m s�1 shows extensive fragmentation. In contrast to
23 �C, at 60 �C a smooth monotonic transition between duc-
tile, cracking, and brittle response occurs over a velocity range
of only 8 m s�1.

4. Discussion

4.1. Rate dependence of Tg

The glass transition temperature measured for PCTFE is
markedly different for DSC (47 �C) and DMA methods (63e
79 �C for strain rates of 0.1e100 rad s�1 based on the break in
slope of G0). This discrepancy is commonly found in many poly-
mers. Moreover, it is exacerbated by the existence of three ways
to estimate Tg from a DMA trace [54]. We have previously
reported on the observed increase in Tg with strain rate for
a range of fluoropolymers [6] based on max flow stress for
bulk quasistatic and split-Hopkinson pressure bar measure-
ments. The max flow stress was plotted as a function of temper-
ature for multiple strain rates, similar to the results shown for
PCTFE in Fig. 17. Flow stress is used, rather than modulus as
in the case of DMA experiments, due to the ringing-up e i.e.,
the time required for the sample to reach stress state equilibrium,
see Gray [43] e in the SHPB experiments obscuring the modu-
lus at higher rates. The relationship between flow stress and tem-
perature has been empirically shown to be linear in the absence
of transitions in the deformation mechanisms. As shown in
Fig. 18, PCTFE exhibits subtle transitions associated with the
Tg at 47 �C, with the low rate tensile and compressive data
transitioning at the thermal Tg. The high-rate transition appears
to increase to 90 �C.

In some polymers the yield strength dramatically increases
at strain rates between 100 and 1000 s�1, which has been at-
tributed to the strain-rate dependence of b and g relaxations
seen in DMA analysis [55,56]. As the strain rate increases,
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the temperature of the relaxations also increases. In polycar-
bonate and PVDF extrapolation has shown that these relaxa-
tions reach room temperature at strain rates similar to those
where a rapid increase in yield stress occurs. The clear

Fig. 14. The depth profiles of the craze zone imaged as stress whitening by

optical microscopy along the center plane of the samples as a function of tem-

perature. Note: crack propagation is from left to right.
frequency dependence of the g relaxation in PCTFE can be
seen from Fig. 8. The DMA deformation profile was sinusoi-
dal with a maximum strain of 0.1%. The maximum strain rate
during a loading cycle of DMA measurement can therefore be
calculated and extrapolated in a manner similar to Siviour
et al. [55]. From this analysis the g relaxation peak would
be expected to reach room temperature at approximately
300 s�1 in this case. However, it can be seen from Fig. 18
that for the case of PCTFE, a marked deviation from the yield
strength trend does not occur close to this rate. A possibly re-
lated observation is that most polymers have a linear depen-
dence of yield stress to logarithmically plotted strain rate up
to some limiting rate [40e42,55,57], again this is not the
case with PCTFE.

In Fig. 18 the maximum stress associated with yield is plot-
ted as a function of strain rate for tension and compression.
Over seven decades of compressive strain-rate an empirical
smooth power-law curve is seen to provide an accurate fit to
the data. This is in contrast to many other polymers where
a bi-linear relationship is observed [40e42,55,56]. The tension
curve appears to follow the same trend but with a systemati-
cally lower stress and a diverging gradient. The single high-
rate (725 s�1) tensile data point is from a pair of tensile
Hopkinson bar experiments using the geometry and apparatus
described in Ref. [2]. Obtaining stress equilibrium prior to
material localization in such experiments is problematic and
so the stress value has a possible error associated with it. If
equilibrium is truly achieved before necking the data are accu-
rate, if not the actual value would likely be higher. Neverthe-
less, the point is included for reference.

4.2. Comparison to the literature

The bulk mechanical response of PCTFE has received very
limited attention in the literature. The two noteworthy investi-
gations of the tensile behavior of PCTFE were performed by
Imai and Brown [22] and Hartmann and Lee [25]. Imai’s
data [22] are on uncharacterized PCTFE (Kel-F 81 Grade 3)
from 3M Co. However, in subsequent papers on Kel-F 800
[23,24] they specify pressing by the Fluorocarbon Company

Fig. 15. The transition from ductile-to-brittle response in PCTFE at 23 and

60 �C in the Taylor’s test. The solid lines are to aid the eye.
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Fig. 16. A micrograph of three-post test Taylor cylinders fired at 23 �C. The sample fired at 197 m s�1 suffered less damage than the one fired at 193 m s�1. The

sample fired at 202 m s�1 exhibits extensive shattering.
with a water quench from 300 �C. This would suggest a rela-
tively low crystallinity. Hartmann’s data [25] are on commer-
cially obtained sheet of PCTFE (Kel-F) from 3M Co. with
a density of 2139 kg m�3 and crystallinity of 58% (calculated
from the equation proposed by Hoffman and Weeks [28]).
Imai’s [22] rate data were obtained at liquid nitrogen condi-
tions, and are plotted in Fig. 18. As can be seen, even at this
greatly depressed temperature the standard linear relationship
between yield and log strain rate does not hold true for this
material. Moreover, the observed transition at this temperature
associated with the interruption of craze formation in PCTFE
leads to a decreased slope at high rate contrary to the standard
increase. Hartmann’s [25] rate data obtained at room temper-
ature show excellent agreement with the current data despite
its lower crystallinity3 (Fig. 18). Comparison of the tempera-
ture dependence of the current PCTFE and that of Hartmann
and Lee [25] is shown in Figs. 19 and 20. The flow stress
shows excellent agreement within the scatter of Hartmann’s
data, with both data sets exhibiting the same break at Tg.
The modulus in the current work is slightly higher than that
of Hartmann, although this is likely due to the difference in
crystallinity. Both modulus data sets exhibit the same break
at Tg.

Fig. 17. Yield strength versus temperature in tension and compression. The

point Tg is designated by the break in slope of the bi-linear relationship.

3 Hoffman and Weeks [28] only provided crystallinity data for their material

based on the density method. Using Hoffman’s proposed values for amorphous

and crystalline PCTFEs the crystallinity of the material in the current work

based on density is 75%.
4.3. Dynamic ductile-to-brittle transitions

Rae et al. [4] previously employed the Taylor test to investi-
gate the dynamic ductile-to-brittle transitions in PTFE. The
transition velocity for a range of temperatures was shown by
Rae et al. to correspond to the pressure where PTFE undergoes
a crystalline phase transition from a ductile-to-brittle phase. The
range of velocities over which the transition from ductile-to-
brittle occurred in PTFE was less than 2 m s�1 at all but the high-
est temperature where the range was less than 4 m s�1. The wide

Fig. 18. The maximum stress associated with yield as a function of strain rate

at 23� 1 �C. The regression fitted curves are to an empirical power-law equa-

tion of the form y¼ aþ bxc. In compression a¼ 16.6, b¼ 70.2, and

c¼ 0.0965 and in tension a¼ 20.7, b¼ 38.3, and c¼ 0.106.

Fig. 19. Yield strength versus temperature in tension comparing the current

data with Hartmann and Lee [25].
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range of the transition velocity over 34 m s�1 from ductile-to-
brittle in PCTFE at room temperature was used to illustrate
the response of a polymer to Taylor impact tests in the absence
of a phase transition. This wide range in transition velocities has
been observed to be common for a range of polymers including
Kel-F 800 [58] and PEEK [50,59], as well as metals (i.e.,
39 m s�1 in AF1420 steel) [60]. It is therefore interesting that
at 60 �C PCTFE exhibits a smooth monotonic transition be-
tween ductile, cracking, and brittle response over a velocity
range of only 8 m s�1.

The reduced range of velocities for the ductile-to-brittle
transition at the high temperature can qualitatively be ex-
plained using the fracture toughness data presented above.
While the fracture toughness of polymers is expected to be
rate dependent, obtaining fracture toughness at the rates rele-
vant to the Taylor test (>104 s�1) is not practicable. Therefore,
in applying a fracture mechanics approach to estimate crack
propagation we assume that the form of fracture toughness
and elastic modulus dependence on temperature remains cor-
rect [61]. Following Griffith [62], a sharp-ended flaw of char-
acteristic length 2a will propagate when the applied far field
tensile stress exceeds a critical value defined as

sC � m

ffiffiffiffiffiffi
Eg

a

r
¼ m

ffiffiffiffiffiffiffiffiffi
EJIC

a

r
; ð6Þ

where m is a constant of order 1 defining the flaw geometry rel-
ative to the loading condition and g is the free surface energy,
which is more accurately captured by the materials’ fracture
toughness. A schematic plot of Eq. (6) is given in Fig. 21 for
a range of flaw sizes, with the largest flaw six times the size of
the smallest. As can be seen, for a given flaw size, the critical
stress is almost constant for all temperatures above the Tg at
which point the critical stress drops precipitously. The stress
values are not given as m will take on a range of values depend-
ing on the orientation and location of the critical flaw in the Tay-
lor cylinder, the relevant range of flaw sizes is not known, and the
E and JIC values used are only relative. Moreover, the actual
values of stress are not needed for this discussion.

The kinetic energy of a Taylor sample e which will be par-
titioned as elastic deformation, plastic deformation, heat, and

Fig. 20. Tangent modulus versus temperature in tension comparing the current

data with Hartmann and Lee [25].
crack growth e scales with the square of the projectile veloc-
ity, U2. To first-order the increase in both the sample temper-
ature [63] and the sample strain [64] scale with U2 and the
stress scales to with strain. Assuming no failure, the end states
(maximum compression, prior to rebound) of Taylor samples
at five velocities are shown schematically in Fig. 21 for initial
temperatures of 23 and 60 �C. The combined effects of shock
heating and large-strain heating in PCTFE for a range of
velocities investigated are expected to be on the order of
30 �C. For the purposes of this discussion only the six flaw
sizes shown are considered to be relevant. Therefore, it is clear
that with an initial room temperature condition the slowest im-
pact velocity will never drive a crack and the fastest impact ve-
locity will always drive a crack. At the interim velocities,
however, whether or not the crack will propagate will depend
on the size of the flaws present. In this regime a sample with
a slower impact velocity but with a large flaw will fail in a brit-
tle fashion, while a sample with a faster impact velocity but
with a small flaw will deform in a ductile fashion. It is also
possible in this regime that the stress required to propagate
a crack will not be reached until late in the impact event.
The combined local unloading due to crack initiation and
bulk unloading due to end of the impact event will be expected
to result in the formation of cracks without full brittle fracture.
On the other hand, when the initial temperature is sufficiently
elevated (60 �C) the loading path in stressetemperature space
for the same velocities will transect the critical stress curves in
the region of precipitous drop above Tg rather than the con-
stant region. Therefore, of the five velocities considered the
two slowest impact velocities will never drive a crack and
the two fastest impact velocities will always drive a crack.
At only one of the interim velocity is crack growth dependent
on the flaw size. This would in turn result in the dramatic de-
crease in the observed range of velocities for the ductile-to-
brittle transition.

5. Conclusions

A broad study of the influence of temperature and strain
rate on the constitutive and damage responses of PCTFE has

Fig. 21. Critical failure stress and impact loading path in stress temperature

space for a range of flaw sizes, impact velocities, and initial temperatures.
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been performed. There is a clear tensionecompression asym-
metry with the tensile yield being as much as 30% less than in
compression. The stressestrain response exhibits a strong de-
pendence on both temperature and rate. However, PCTFE does
not exhibit the classic transition in rate dependence between
100 and 1000 s�1 as seen in many polymers. In tension local-
ized necking dominates yield above the g transition. The frac-
ture toughness increases slightly with temperature below Tg,
with crazing being the dominant fracture morphology particu-
larly above the b transition. Above Tg, the fracture toughness
increases significantly followed by a precipitous drop, with
crazing giving way to a tufted morphology. Three modes
were observed under Taylor impact loading; ductile, where
other than permanent deformation and stress whitening no
fractures occurred; cracking, where the center of the impact
zone exhibited one or several cracks but the sample remained
fully intact; and brittle, where the sample fractured into two or
more pieces. At room temperature this transition spans
a 34 m s�1 range of velocities, while at 60 �C the velocity
range is only 8 m s�1 due to the drop in fracture toughness
at the elevated temperature.
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